High gamma prime (c¢) nickel-based alloys produced by selective electron beam melting are of interest to the turbine industry which requires control of microstructure in relation to loading conditions within complex component geometry. Welding literature predicts cracking and microstructure evolution as a function of alloy composition and process parameters in this class of alloys. In addition, Additive manufacturing causes variations in the above conditions due to the interaction of geometry on processing and heat transfer. The influence of geometry on processing conditions was explored for alloy Rene N5 by characterizing the solidification grain microstructure and solid-state precipitation. A Semi-Analytical Heat Transfer Model was employed to explain the resulting variation in solidification grain morphology that occurred due to the part geometry. The as-built precipitation structure was found to vary as a function of build height and had no correlation to the solidification grain structure or the layer geometry.
I. INTRODUCTION
THE high c¢ single crystal class of nickel-based superalloys, including CMSX-4, PWA 1484, and Rene N5, was developed to withstand the extreme conditions of jet engine turbines. The alloy chemistry and manufacturing routes evolved together to optimize microstructure characteristics to withstand dynamic loading conditions at temperatures higher than the homologous temperatures (i.e., 0.5 times melting point).
[1] Withstanding these conditions was made possible by two aspects of the microstructure: (i) Using controlled manufacturing methods (e.g., directional solidification or single crystal casting) to create a crystallographic texture of face-centered cubic (FCC) c grains such that the {001} family of crystallographic planes are oriented along the loading direction; and (ii) by ensuring the correct volume fraction, shape, and size distribution of the L1 2 ordered c¢ phase within the c matrix. [2] [3] [4] Conventional manufacturing techniques are optimized to produce highly engineered microstructures based on the above requirements, but are limited in the complexity of geometries and unable to produce a controlled variation in microstructure. Additive manufacturing has therefore become of significant industrial interest as it may allow for increased turbine efficiency through the incorporation of internal cooling channel, [5, 6] or shaped film cooling in turbines. [7] Specifically, selective electron beam melting (S-EBM) has become a heavily researched process for the production of high-temperature alloys. However, significant barriers remain before this manufacturing technique can be successfully adopted. The influence of complex thermal signatures on defect development (e.g., cracking and porosity), the solidification grain structure, and the precipitate size and size distribution, must be fully understood and controlled. [8, 9] Furthermore, these effects are complicated by the dependence of scan pattern on geometric cross-section, and therefore, geometry effects must also be considered. Adoption of this technique is limited by the complex dependence of thermal signatures on processing algorithms that may affect defect formation, solidification grain texture, precipitate size, and distribution.
Previous work on welding [10] [11] [12] and additive manufacturing of metal alloys [13] [14] [15] [16] [17] [18] has shown physical defects such as porosity are caused by either lack of fusion, key hole instabilities, entrapped gases in the powder, or shrinkage effects. In addition, literature indicates that high c¢ nickel alloys are susceptible to cracking during welding [11, 19, 20] and S-EBM [21] due to three mechanisms: solidification cracking, [22, 23] liquation cracking, [24, 25] or strain age cracking. [26, 27] These crack formation mechanisms are complicated in S-EBM by the addition of following melt passes during the current layer and by remelting during an ensuing layer; both prevent straightforward transfer of cracking phenomenon in welding to additive manufacturing.
Research with IN718 has convincingly demonstrated the ability of the S-EBM process to control solidification grain structure development. [28] [29] [30] [31] [32] [33] [34] [35] [36] Therefore, future applications of S-EBM could take advantage of site-specific grain structure control by producing randomly oriented equiaxed grains in locations that experience multi-axial stress states, and columnar grains with enhanced mechanical properties in the h001i direction. Control of site-specific grain structure stems from casting and welding communities which have shown the relationship between the propensity to nucleate equiaxed grains and the alloy chemistry, thermal gradient (G), and the solidification velocity (R) at the solid-liquid interface, [37, 38] based on interface instability theories. [39, 40] Conditions under which the columnar-to-equiaxed transition (CET) occurs are related to the presence of constitutional supercooling which produces conditions promoting heterogeneous nucleation sites ahead of the moving solid-liquid interface. As discussed earlier by Ga¨uman et al., [41] the microstructure can be predicted by G and R and applied to additive manufacturing by Raghavan et al. [33] The G and R play a key role in the calculation of the volume fraction of equiaxed grain structure (/) where key transition values for / occur at 0.5 and 0.0066 associated with transfer to equiaxed or columnar grains, respectively. By solving for the dendrite tip undercooling (DT) as a function of G and R the volume fraction of equiaxed grains can be solved using Eq. [1] .
where N 0 is the nucleation density, / is the volume fraction of equiaxed grains, n is a material constant, and DT n is the nucleation undercooling. These theoretical models are extremely sensitive to the value of the number density of nucleation sites, N 0 , which is generally derived by calibration, but varies in the literature over several orders of magnitude (5 9 10 8 to 2 9 10 15 m À3 ) depending on the alloy composition and process. [42] [43] [44] [45] In S-EBM, the grain structure control has been achieved by two methods for IN718: (a) Dehoff et al. used a spot melt pattern to create an area melt, reducing the thermal gradient to allow equiaxed grains to nucleate ahead of the solidification front, producing a randomly oriented grain structure by a CET. [32] (b) Ko¨rner et al. used raster scan patterns to tilt the thermal gradient away from the build direction axis. [28] Sames et al. [18] demonstrated that the precipitate size in IN718 is controlled by the cooling rate from the processing temperature at the end of the S-EBM process. The sensitivity to the build height is due to processing temperatures above the c¢¢ solvus temperature with other studies of the as-built precipitation in nickel alloys [46] [47] [48] in agreement. Due to the high solidification rates characteristic of the process, little segregation occurs during solidification and it is feasible to reset precipitation structures through post-process heat treatment with or without hot isostatic pressing. [49] [50] [51] Previous process-structure research pertaining to S-EBM has mostly considered simple prismatic geometries (cuboid, [18, [31] [32] [33] cylindrical [46] ). Porosity can be minimized in simple cubic shapes by choosing a DOE of processes parameters. [52, 53] Based on the few focused studies on complex geometry, one could conclude that dimensional accuracy is diminished in mesh structures, [54, 55] porosity is increased in overhangs, [56] and cracking can be introduced as layer area increases in pyramid shapes. [57] In Ti-6Al-4V produced by S-EBM, the prior beta grain structure and hardness and grain structure are greatly influenced as the wall thickness is increased from a single pass to 5 mm thick or if an overhang is introduced. [58] [59] [60] Geometrical effects could lead to unintended spatial and temporal changes in local solidification conditions and thermal gyrations resulting in totally different microstructures.
Therefore, the purpose of the current work is to determine if geometry has an effect on the defect formation, cracking tendency, solidification microstructure, and precipitate evolution during S-EBM processing of high c¢ nickel-based superalloys. The alloy used here, Rene N5, is traditionally considered non-weldable because it has both a wide equilibrium freezing range (50°C to 60°C) that would increase its susceptibility to solidification and liquation cracking, as well as high Al and Ti content, which tends to exacerbate strain age cracking. [12] Two geometries were designed to produce a significant variation in local processing conditions due to changes in beam path length. These geometries contain controlled complexity: no overhangs, steady changes in the layer shape, and a short build height.
II. EXPERIMENTAL PROCEDURE

A. Modified Build Chamber and Material Feedstock
Parts were fabricated in an Arcam S12, modified to run with a reduced-volume build chamber (Figure 1(a) ) similar to that used by Murr et al. [48] The feedstock used for this work was Rene N5 powder, manufactured by Starmet, using the Plasma Rotating Electrode Process (PREP). Powder particles were highly spherical with limited fines or satellites (Figure 1(b) ) and little internal porosity (Figure 1(c) ). The particle size distribution of 80 to 170 lm (Figure 1(d) ) is larger than the standard 40 to 105 lm for S-EBM. [41] In this work, two right triangular prism geometries were produced on a 316 SS base plate with a 100 mm diameter and 10 mm thickness (Figure 1(e) ). The chemistry is given in weight percent in Table I , as reported by Starmet.
B. Part Geometry and Process Parameters
Geometries with controlled complexity were desired to produce (i) a variety of raster line lengths that systematically change during each layer, (ii) large enough parts to evaluate a wide range of process conditions during each melt step, and (iii) thin wall structures that experience different heat extraction conditions (Table II) .
Right triangular prismatic geometries with a leg length of 40 mm were selected to satisfy the above conditions. Two variations of this geometry were built on the same baseplate: solid (without thin walls) and complex (with thin walls), with a single layer slice shown in Figure 2 . The complex part contains slots removed to create thin walls less than 1 mm in width, with half of the walls oriented 45 deg to the traverse direction.
The process parameters were designed using Arcam's EBM Control V3.2.142 software to produce a wide range of beam parameters during the melt step. In the Arcam process, the voltage is kept constant and the Parameter Description
thermal conductivity current is varied to change the beam power. The current used for each line pass in the raster fill is determined by the line length and an Arcam algorithm. At the longest pass length, 40 mm, the largest current is used, and for shorter line lengths, the current is reduced according to process parameters. Once a current is determined for the present line length, the beam velocity is selected from a look-up table according to the Speed Function (an integer between 1 and 300). Figure 2 shows the normalized change in current and beam speed as a function of line length schematically. Since a 90 deg rotation is used between layers, the parameters along the diagonal are repeated and the rest of the part sees a mirrored parameter set over the dashed diagonal mirror line. Sectioning along the diagonal should allow for comparison of velocity and power combinations, sample A in Figure 1 (e). The beam velocity is also altered by a turning function which increases the base beam velocity during the turn at the end of each line. This effect is shown in Figure 2 , where the edges exceed the provided velocity scale and in the corner the base velocity is never reached as the distance affected by the turning function is greater than the line length. The energy density for the processing condition can also be calculated using Eq. [2] and the traverse velocity is calculated using Eq. [3] . An average time of return is given using the base beam velocity and line length in Eq. [4] .
Time of return ¼ l=v; ½4
where P is beam power, v is beam velocity, h is hatch spacing, and l is line length. In this build, contours were not used. Additional build process steps are summarized in Online Appendix A1.
C. Multi-scale Characterization
Powder cross-section images were obtained by mounting powder in epoxy and polishing to 3 lm before imaging with a Leica DM4000 M LED microscope. The as-built samples were sectioned for characterization using wire EDM. The top surface of each sample was scanned with an Epson Perfection V5000 picture scanner. Samples were mounted and ground flat to observe planes parallel to the build direction. A final colloidal silica polish on a Buehler VibroMet2 overnight allowed the surface to relax for edge-lit optical microscopy performed with a Keyence VHX-600E digital microscope. Additionally, etching was performed on samples that were re-polished to a 1 lm finish before being swab etched with a Glyceregia solution. SEM on a Hitachi S3400 E-SEM was performed post etching. A JEOL 6500 field emission scanning electron microscope was used to perform electron backscatter diffraction (EBSD) with a step distance of 10 to 15 lm using an EDAX Hikari EBSD camera, and energy-dispersive X-ray spectroscopy (EDS) using an EDAX Apollo 40 detector. Thin metallic foils for transmission electron microscopy (TEM) were produced using a Fischione Instruments Twin-Jet Electropolisher and a Nital Solution (1-part Nitric Acid and 9-parts Methanol) cooled by a dry ice and ethanol bath. STEM-EDS spectrum images were obtained using a Hitachi HF3300 TEM/STEM. A Leco LM 100AT was used to measure Vickers microhardness. 
D. Semi-analytical Heat Transfer Model (SAHTM) of S-EBM
A rapid transient heat transfer model to predict the thermal gradient and solidification velocity at the solid-liquid interface was used to approximate the solidification conditions for each geometry. [61] The transient model uses Komanduri and Hou's approach for multi-pass arc and laser welding [62, 63] which is developed based on standard equations developed by Carslaw and Jaegar. [50, 64] Further details for the Semi-Analytical Heat Transfer Model (SAHTM) including advantages and limitations of this modeling approach are discussed in the Online Appendix A2.
III. EXPERIMENTAL RESULTS
A. General Observations of Builds and Solidification Microstructure
Macroscopic observations
The process parameter set used in this experiment produced dense solid and complex right triangular prisms with smooth top surfaces. The powder surrounding the parts was over-sintered due to the elevated build temperatures. Interestingly, no surface cracks were observed via visual inspection in the bulk or any sampled region from either geometry. To analyze the microstructure evolution in the build direction, the samples were cut as shown in Figure 3 . Samples were labeled A-F with a prefix S or C added for Simple or Complex, respectively. Arrows indicate the orientation in which Samples A, B, and C were mounted and imaged. Careful observations of the top surfaces also showed ripples parallel to the traverse direction with a large final melt pool observable on the top surface of both parts (Figure 3(c) ).
Optical microscopy
Samples Solid-A (SA) and Complex-A (CA) were imaged using edge lighting to highlight differences in grain orientation (Figure 4) , brought about by small changes in reflectance. [65] There was a spatial variation in optical texture within the section SA across the diagonal of the right triangular prism. The grain structure transitions from an equiaxed morphology (inset (i) to columnar morphology (inset ii) as one traverses from left of center to the right. Interestingly, the optical microscopy also indicated a large grain directly above the base plate. The right edge of sample SA, which borders the powder bed, contains interrupted grains due to lack of fusion defects observed in the outer 1 to 2 mm. The matching diagonal cut of the Complex part CA (Figure 4 ), also exhibits a variation in grain orientation across the sample with a mixed grain structure, left of center, and columnar grain structure oriented with the build direction, right of center. Similar optical images from solid sample-sections B and C (SB and SC) and Complex sample-sections B and C (CB and CC) are presented in Figure 5 . As sections SB and SC span from edge to edge, comparable to the diagonal cut SA, the optical texture indicates large grains in the bottom left corner above the base plate underneath equiaxed grains. Sample SB transitions to columnar on the right before becoming tilted and interrupted at the edge of SC. Sample CC copies SC right of center but then mirrors it left of center with grains tilting in from the left as well. Sample CB is cut perpendicular to the thin walls of the Complex part. It is clear in Figure 5 that the powder between each thin wall experienced significant heating and partial fusion, resulting in walls that are almost joined. The right edge of SC and CC duplicate the lack of fusion defects on the edges of samples SA and CA. Interestingly, the optical microscopy observations failed to show any evidence for solidification or any other form of weld cracking. In summary, the edge lighting data clearly indicate longrange variation in grain morphology, and possibly similar heterogeneity in crystallographic texture, which will be assessed with Electron Back-Scattered Diffraction Imaging (EBSD) in the next section.
Electron backscatter diffraction
Large area low-magnification EBSD scans were taken for each of the samples removed from the Solid and Complex parts of build 1 (Figure 3) . Overlays of the inverse pole figure (IPF) maps, scaled to the edge-lit image, are given for samples SA and CA in Figure 6 . Each IPF map was generated after rotating the data Large area EBSD scans performed on samples SB, SC, CB, and CC are overlaid on OM in Figure 7 with the same orientation rotations. Samples SB and SC show similar trends to SA, showing a transition from equiaxed with low aspect ratios in the center of the solid part and moving to columnar at the edge. Of special interest are regions f, g, and h on sample CB showing equiaxed grains with much weaker texture, while the regions close to the edge, region h, show columnar grains matching those seen in sample SC. Although the IPF maps suggest random orientation, the PFs show a weak fiber texture aligned with the build direction. The variation in orientation can then be attributed to the thin walls and the nucleation sites they introduce which prevent epitaxial growth from the previous layer. The above comprehensive edge lighting microscopy and EBSD analyses showed that the variability of both grain morphology and crystallographic texture can be seen within a single section of the solid and complex geometry samples. The above results confirmed the original hypothesis that the geometry of the part does play a significant role in modifying the spatial heterogeneity of morphology and crystallographic texture within the builds, and employing processing parameters developed for simple cubic geometries on complex geometries may not be prudent. The next step is to evaluate the effect of geometry and processing conditions on the solid-state precipitation characteristics.
B. Hardness Variations and Solid-State Precipitation
A hardness map was constructed for Solid Sample A (Figure 8) . A gradient of~80 HVN, a 25 pct decrease in hardness, is observed along the build direction moving from top to bottom independent of grain size and morphology that changes across the diagonal. This trend extends to samples CA and CB on the complex part and Figure 9 plots hardness against distance from the top surface for three samples. Each array is extended only until a dip in hardness occurs due to interaction with the baseplate. The hardness in the thin walls follows the same drop in hardness from top to bottom of the sample having an average of 11.1 ± 4.1 HV less than sample SA and CA. However, the major dips occur at heights with larger than average standard deviation indicating regions where lack of fusion defects are present.
Additionally, samples were etched to reveal the dendritic structure of the top layers and imaged across the top. Figure 10 shows three positions along the top edge of sample SA starting from the center of the diagonal cut and moving to the right corner. The depth of the melt pool for the last layer decreases from 135 lm at the center (a), to 110 lm in (b), and 65 lm at the edge of the sample (c). Higher magnification images of the dendrites and interdendritic regions as a function of depth were obtained using an SEM for section CA (Figure 11 ) to rationalize the dip in hardness. The c¢ particles at the core of the dendrites are consistently sub-micron. In contrast, the precipitates at the interdendritic/eutectic region coarsened drastically from the top (maximum size of 0.5 lm, see Figure 11 (a)) to bottom (~2 lm, see Figure 11 (c)) regions of the sample.
High-angle annular dark-field (HAADF)-STEM image and EDS spectrum imaging were performed on sample SA (Figure 12 ). Two samples, taken at 3 and 6 mm from the base plate, were imaged. The observations showed that the c¢ particle size in the dendrite cores was not strongly influenced by build height. Lower magnification images taken from a top and bottom region of the build found the dendritic core c¢ size to be 230 ± 48 nm with a consistent cuboidal morphology. This invariance in the solid-state microstructure within the dendritic regions is attributed to the solid-state decomposition of the alloy during continuous cooling conditions (~1 K/s) after the completion of the build from the processing temperature which is near the solvus temperature for Rene-N5. Interdendritic regions were not observed in either the upper or lower TEM foil taken from sample SA.
IV. DISCUSSION
The results of the current study have clearly shown that Rene-N5 can be successfully processed by selective electron beam melting process into simple and complex shapes without cracking. In addition, the hardness distribution shows a gradient in solid-state transformation found to be geometry independent. The only major difference is the spatial variation of solidification morphology and texture which appears to be sensitive to the geometry of the part. In the subsequent sections, these variations are rationalized based on existing heat transfer and solidification models.
A. Correlations of Solidification to Processing and Build Geometry
Calculation of G and R on the layer scale
The first step in the rationalization of the variation in solidification microstructure involves the calculation of spatial and temporal variations of thermal gradient (G) and liquid-solid interface velocity (R) in both the Solid and Complex geometries. The Semi-Analytical Heat Transfer Model was run until the beam path ended and the temperature dropped below the liquidus, at which point the solidification conditions are recorded for a single height. Snapshots of the calculated thermal distribution, at three different time intervals, for both solid and complex geometries are summarized in Figure 13 . The SAHTM predicts a large melt pool extending from the entire width of the part sweeping across the part surface. The calculations were repeated three more times for each possible 90 deg rotation of the beam path. The accumulated G and R data provide statistical variations of solidification conditions for both simple and complex geometries depending on the raster direction.
2. Columnar-to-equiaxed transition for Rene N5 By solving Eq. [1], we can calculate at which solidification conditions one can attain completely equiaxed (/ < 0.0066), completely columnar (/ > 0.49), or mixed (0.0066 > / > 0.49). These calculations were repeated for two values of N 0 . The CET transition lines and the predicted G and R values from the SAHTM are shown in Figure 14 , color coded by solidification regime. The plots show that the absolute values of G and R vary by many orders of magnitude and the fraction of these conditions leading to columnar or equiaxed regions will depend on the assumed N 0 value. A conservative value of 5 9 10 8 m À3 was taken from casting literature, and a calibrated N 0 value was computed based on the measured average grain diameter (d) of the equiaxed regions from EBSD images (Figure 6 region ii), using the equation N 0 ¼ 1=d 3 . [45] The above analyses qualitatively compare with that of experimentally measured solidification morphology with a larger volume of equiaxed grains predicted by the higher N 0 value.
Interaction of geometry and processing conditions on solidification
When designing the original experiment, we assumed that the microstructure could be directly correlated to the parameters of each line pass and along the diagonal mirror line and the parameters would be repeated upon each layer with a 90 deg rotation in the raster fill. The diagonal mirror line that Solid sample SA falls along would then sample a large range of process parameter combinations and create a variety of G and R conditions within one sample. However, this hypothesis assumes that the weld pool length is small compared to the scan line length and has a width on the same order of magnitude as the hatch spacing. Images of the top surface, such as those in Figure 3(c) , as well as SAHTM results, Figure 14 , both indicate that during the build the melt pool length is closer to the length of the part, and the width much larger (~15 to 20 times) than the hatch spacing. While a large melt pool is sweeping across the part, the variation of geometry modifies the processing conditions (Figure 2 ), creating solidification conditions that cannot be compared to the individual pass process parameters. To understand the effects of varying geometry and processing conditions on the solidification conditions, the predictions from the heat transfer model were mapped on to the spatial coordinates of the top surface of both simple and complex geometries (Figure 15) for two scan rotations. The first raster, layer n, starts in the top right corner with the beam traveling up and down while the melt pool is carried from right to left finishing on the long edge. The second raster, layer n + 2, traverses in the opposite direction and ends in the top right corner.
a. Solid geometry part. When the solidification conditions were first plotted with N 0 = 5 9 10 8 m À3 , Figures 15(a) and (b), very little CET was predicted spatially (Figure 15 ). However, on using the N 0 value calibrated to the experimentally formed equiaxed grain size, a larger portion of equiaxed solidification was predicted. The model also predicts that the location of the CET transition depends on the scanning direction which will move across the mirror diagonal with every 90 deg rotation of the melt path. Interestingly, this CET was indeed observed in samples SA and SB with equiaxed grains formed in the center of the Solid part. The model also predicts a thin region of equiaxed grains forming when the melt pool finishes along a long edge of a layer (Figures 15(a), (c) , (e), and (g)). Sample SC (Figure 7) does not contain an equiaxed region and it appears that the region is erased experimentally by remelting as it only occurs once every 4 layers along that edge.
b. Complex geometry part. For this geometry, the heat transfer model predicted excess melting of the thin walls as large melt pools are maintained and carried through each channel (Figure 13(e) ). This result matches the experimental observation from the top surface showing ripples of a large melt pool being carried through the thin walls even though no boundary conditions are applied in this model (Figure 3 ). During collapse of these melt pools, low thermal gradients are experienced and a CET is predicted by the model. Microstructures from a section across the thin walls of CB in Figure 7 show over melting and heavy sintering making it difficult to distinguish between wall and powder. The mechanism for random orientation here can be attributed to the surrounding powder giving randomly oriented sites for epitaxial growth to occur. Similar transitions were also observed in the regions that show lack of fusion porosity at the edges which resets the microstructure. Each lack of fusion defect introduces new grains that are not necessarily oriented with the build direction and grain selection must restart in the following layers. The center diagonal cut shows a combination of columnar and mixed structure with a strong texture in the build direction throughout.
Variation of solidification microstructure
The above discussion supports our original hypothesis that during S-EBM processing, for simple and complex geometries, a large variation of melt pool shape, and solidification conditions (G and R) can occur. Furthermore, the N 0 value may also vary depending on the local melt pool shape and the presence of unmelted particles at the periphery of the melt pool or ingress of the unmelted powder into the rear of the melt pool, which may trigger particle-aided nucleation of solids, similar to inoculated weld pools by Villafuerte et al. [66] and inoculated grain refinement during laser surface alloying. [67] This leads to an important question: what should be our future direction to reduce spatial variation in grain morphology and crystallographic texture in both simple and complex geometries processed by S-EBM? Close analyses of Figure 14 show that the magnitude of Fig. 12 -HAADF-STEM images from dendritic regions of sample SA with STEM-EDS spectrum images of Al, Ta, Cr, and W. EDS mapping shows the strong partitioning of aluminum, tungsten, and tantalum to gamma prime precipitates and chromium to interparticle gamma matrix. variations of G and R are larger than that of variations in CET transition lines. Therefore, our approach shoud rely on imposing similar G and R conditions across the whole geometry, for a given alloy system. To reduce the variation of G and R would require the beam parameters (current and speed) and scanning strategies (spot and line scan) to be tailored to the local cross-section.
In addition to the control software for equipment, uncertainty in process-structure models also require further attention. The SAHTM used in this work has shown value in predicting trends in G and R for entire layers. However, the model does over-predict the melt pool depth. When the top melt pool width was used to calibrate the efficiency value, the predicted depth had to be ignored as all efficiency values produced a melt pool with a depth greater than a millimeter, significantly larger than that observed in Figure 10 . These differences are expected, as the observed melt pools through in situ monitoring are always larger than the beam size, [34] wider than many hatch-spacings. Furthermore, these melt pools move perpendicular to the beam direction at a velocity orders of magnitude slower than the deflection speed. As a result, we expect that the melt pool size and shape will be controlled by different degrees of conduction and convection mode (not considered in the SAHTM) in a given layer. Additional work is underway to extend the existing computational heat and mass transfer models to consider these transients and latent heat of fusion. [68, 69] B. Solid-State Transformation A gradient in hardness was observed in the build direction ( Figure 9) ; however, there are no gradients in hardness in the x-y plane, at any height of the build. In addition, these hardness variations did not correlate with the grain size, texture, or aspect ratio, suggesting that the underlying mechanism to the variations is precipitate characteristics. The calculated solidification and phase equilibria of these alloys, using JMatProÒ, [70] were used to understand the microstructural evolution ( Figure 16 ).
For Rene-N5, during processing, solidification will produce primary c dendrites, which will then decompose in the solid state into c plus c¢ at the build temperature. However, these c¢ particles will not be evenly distributed throughout the microstructure. At the high solidification rates found in electron beam processing, a Gulliver-Scheil type solidification model is valid. In this case, with no back-diffusion in the solid, microsegregation will play a strong role in the local composition. Both Al and Ti, the primary c¢ formers in Rene-N5, have partition coefficients less than unity, [1] meaning that they will preferentially enrich the interdendritic liquid during solidification. As a result, c¢ will tend to form preferentially in the interdendritic regions at the build temperature, with little to no c¢ forming in the dendrite cores. Once the build process has finished, the remaining c¢ (up to approximately 70 vol pct) will precipitate out during the slow cooling (~1 K/s) from the processing temperature to room temperature, tending to form within the c dendrite cores where the local composition of Al and Ti is low compared to the interdendritic eutectic region. Considering these two distinct populations of c¢ precipitates (those that formed at the build temperature, and those that formed during the post-build cool down) allows us to rationalize the variation in hardness with build height. Layers near the bottom of the build stay at temperature for approximately 2 hours longer than the top layer for a 10-mm build. During this time, the interdendritic c¢ precipitates are allowed to coarsen. As the height increases, the corresponding interdendritic c¢ particles have less and less time available for coarsening before the end of the build. The second population of c¢ particles then form during the post-build cool down and are expected to be concentrated primarily within the c dendrites, and to have a comparatively uniform size distribution because the cooling rate during this period is similar throughout the build. As a result, the dendritic c¢ is expected to be uniform, while the interdendritic c¢ is coarsest at the bottom of the build, and finest at the top, with a corresponding increase in average hardness with height. This explanation is consistent with the experimental results in Figures 10 and 11 , which show that the dendritic c¢ does not vary in size with z-height, but the interdendritic precipitates show an increase in size farther from the top layer.
It is noteworthy that current build temperatures of the Rene-N5 build are indeed higher than IN718 (900°C to 1000°C) builds. [9] In IN718, the solidification range, based on the Gulliver-Scheil model, was found to be 260 deg. In contrast, the solidification range for the Rene-N5 is estimated to be 195°C. In the case of IN718, upon reaching and holding at the build temperature, the solid regions may decompose into equilibrium mixture of c and~10 vol pct c¢¢,* which is supported by experimental observations. This c¢¢ usually coarsens during the continued deposition process. On slow cooling (~1 K/s) from the processing temperature, the rest of the c phase within the dendritic regions may decompose into mixtures of c and c¢¢.
C. Cracking Tendencies in the Rene-N5 Build
In this work, no cracks were found in a high c¢ nickel alloy that is conventionally considered to have low weldability. For example, Babu et al. [71] and Park et al. [23] have discussed the tendency for Rene-N5 alloys to crack along the boundaries between columnar and misoriented grain boundaries, during welding, by solidification cracking. We also expected similar cracking in our melts for the following reasons (1) the melt pool is elongated and the mushy zone will increase leading to solidification cracking; (2) the repeated heating above and below the solidus may lead to liquation cracking; and (3) in the regions which are cooled below the c¢ solvus temperature, the c¢ precipitation may harden the c grains leading to strain age cracking. In contrast, even with the presence of severely misoriented grains and interdendritic precipitation, the above-mentioned cracking mechanisms were not observed. We attribute this crack resistance to high build temperature, which restricts the copious precipitation of c¢ within the dendrite grains. However, in this particular case, the high build temperature both prevented microstructural vulnerability and reduced thermal gradient, thereby reducing thermal stresses. Therefore, as mentioned earlier, the only challenge that remains is to induce processing conditions that lead to consistent grain morphology and crystallographic texture regardless of part geometry.
V. SUMMARY AND CONCLUSIONS
The interactions between process-geometry combinations on spatial variation of microstructure were evaluated in a high c¢ Rene-N5 during selective electron beam melting additive manufacturing.
Experiments were conducted with simple and complex geometries using a raster scan strategy with high build temperature. Irrespective of published weld cracking tendencies, dense and crack-free builds were fabricated. Unfortunately, over sintering and over melting also occurred with this increase in build temperature.
Energy density was not able to describe the S-EBM process conditions adequately, when geometries other than cuboids are produced. This is because geometry influences electron beam scanning attributes including time of return and traverse rate, which combine with energy input to dictate thermal history. In addition, the traverse velocity is a better description of the solidification velocity during S-EBM of Ni alloys, which will fluctuate in complex parts.
The interaction between geometry and process scan strategies lead to large variations in melt pool shape, thermal gradients, and liquid-solid interface velocities. These variations lead to spatial variations of columnar-to-equiaxed solidification morphology within a given geometry. These variations were rationalized using integrated heat transfer model and calculated solidification maps for Rene-N5 alloys. Uncertainties in maintaining similar grain morphology within simple and complex part geometry were attributed to instabilities in melt pool shape, rapid excursions from low to high thermal gradients, and stochastic variations of pre-existing nuclei in the undercooled melt.
In contrast with the solidification grain structure, under the present processing conditions, the geometry plays only a small role in affecting the solid-state decomposition of the alloy into mixture of c and c¢. The gradient in hardness was observed from bottom to top of the build, while there was no gradient across the layers. This hardness gradient was attributed to different extents of coarsening within the c¢ precipitates at the interdendritic regions. 
